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Abstract: Stress relaxation cracking (SRC) is considered one of the major failure mechanisms for
347H stainless steel welds at elevated service temperatures or during post weld heat treatment
(PWHT), especially within the heat-affected zone (HAZ). This work focuses on the characterization
of SRC susceptibility within 347H physically simulated arc welded HAZ at elevated temperatures.
A four-step SRC thermomechanical test in combination with finite element modeling (FEM) of the
welding and testing processes is developed to establish a susceptibility map for HAZ. The test first
runs a thermal cycle with three different peak temperatures (1335, 1275, and 1150 ◦C) to duplicate
representative HAZ subzone microstructures, followed by time-to-failure examination under a variety
of pre-stress (260–600 MPa) and pre-strain conditions (0.03–0.19) as a function of reheat temperatures
between 750 and 1050 ◦C. With the aid of FEM, SRC susceptibility maps are generated to identify the
threshold stress, plastic strain, and creep strain as a function of test temperature. It was found out that
HAZ subzone with a lower peak temperature (1150 ◦C) appears to be slightly less susceptible to SRC
than the other two subzones that experienced higher peak temperatures. Generally, time-to-fracture
reduces with increasing initially applied stress and strain for all test temperatures. The pre-stress
thresholds decrease from about 500 to 330 MPa as the testing temperature increases from 800 to
1050 ◦C, while the corresponding initial plastic strain thresholds reduces from 0.15 to 0.06. The
SRC susceptibility was also evaluated through the Larson–Miller Parameter (LMP) analysis as a
function of plastic strain, initial stress and starting stress upon reaching the testing temperature,
respectively. The 1050 ◦C test with a high pre-applied strain (0.1) exhibits an extremely short time to
failure (t = 3 s) that lies outside the general trend in LMP analysis. Additionally, it was identified
that a plastic strain above 0.07 is identified to significantly reduce the bulk creep strain tolerance to
fracture and therefore increases SRC susceptibility. Hardness measurement and fractography analysis
indicated that the strain aging of niobium carbonitrides and other potential phases in conjunction with
intergranular precipitates contributes to an increase in microhardness and increased intergranular
cracking susceptibility.

Keywords: stress relaxation cracking; reheat cracking; fracture; stainless steel; weldability; residual
stress; heat-affected zone

1. Introduction

Among austenitic 3XX stainless steel (SS) grades (e.g., 304H, 316H, 321H, and 347H),
347H exhibits good sensitization resistance due to the addition of Nb as a stronger carbide
former than Cr. 347H SS also exhibits higher yield and creep strengths at moderate temper-
atures (e.g., up to 650 ◦C) due to the presence of Nb carbonitride precipitates throughout
the microstructure [1,2]. However, 347H SS welds made with a matching filler E347 may be
subject to various weldability issues, including liquation cracking in the partially melted
zone (PMZ) during welding [3–6], ductility-dip cracking in the reheated fusion zone (FZ)

Metals 2024, 14, 494. https://doi.org/10.3390/met14050494 https://www.mdpi.com/journal/metals

https://doi.org/10.3390/met14050494
https://doi.org/10.3390/met14050494
https://creativecommons.org/
https://creativecommons.org/licenses/by/4.0/
https://creativecommons.org/licenses/by/4.0/
https://www.mdpi.com/journal/metals
https://www.mdpi.com
https://orcid.org/0000-0002-0591-3250
https://orcid.org/0000-0002-2788-1229
https://doi.org/10.3390/met14050494
https://www.mdpi.com/journal/metals
https://www.mdpi.com/article/10.3390/met14050494?type=check_update&version=1


Metals 2024, 14, 494 2 of 22

and heat-affected zone (HAZ) during multi-pass welding [7–10], or stress relaxation crack-
ing (SRC)/reheat cracking in the FZ or HAZ during service or post weld heat treatment
(PWHT) [7,9,11–16]. More than 50 service failures are reported [15] in the welds of pre-
cipitation strengthened SSs (including 347H) and Ni-base alloys in elevated temperature
and high-pressure service conditions without the presence of a corrosive environment, and
SRC is referenced as the most likely failure mechanism for these alloys [11,12,14,15,17].
Recent works on 347H SS weld service failures in concentrating solar power molten nitrate
tanks during elevated temperature service conditions have been investigated with a large
contributing cause argued to be SRC [18–20]. Additionally, chemical and refining industries
report SRC concerns in recent years in 347H SS welds [21–24]. 347H SS welds are claimed
to have higher SRC susceptibility at elevated temperatures than 321, 316 Nb, 310, 309, 316,
and 304 SS grades, with most cracks appearing to have originated in the HAZ [11,12,14].

SRC in 347H welds are reported to occur at temperatures between 500 and 750 ◦C
after one to two years in service [14,15] or within a year after repair with the character-
istics of intergranular fracture and small-isolated cavities present ahead of cracks [25].
The susceptible microstructure argued to primarily contribute to SRC is the evolution of
precipitate-free zones (PFZs) adjacent to austenite grain boundaries due to the formation
of coarse grain boundary niobium carbonitrides while the interior of austenite grains are
strengthened by intragranular fine Nb (C, N) particles [14]. To be more specific, during
welding, stabilized niobium carbonitrides in 347H SS are dissolved in the HAZ during the
welding procedure. Upon reheating (e.g., multi-pass welding, at service temperature or
PWHT), fine Nb (C, N) particles may reprecipitate in the HAZ grain interiors on dislocation
cores, while coarse precipitates may form along the grain boundaries [6,7], leading to
the formation of a PFZ adjacent to the grain boundaries. Meanwhile, upon reheating,
weld-induced residual strain/stress preferentially relaxes into the soft PFZs and therefore
exhausts the local creep strain, leading to observations of creep cavities [26] and ultimately
intergranular cracking [8,9]. Kant et al. used six parameters to characterize the SRC failure
index, including the extent of ductility loss, degree of stress relaxation, hardness increase,
failure time reduction, and intergranular fracture modes on primary and secondary fracture
surfaces [13].

SRC can be mitigated by a properly designed residual stress relieving process, i.e.,
PWHT, which could also benefit microstructure stabilization [11,12]. The percentage of
initial stress relieved in unit time increases with increasing PWHT temperature. For 347 SS,
79% of stress reduction is reported in a 0.84′′ thick pipe through PWHT at 900 ◦C for
2 h [27–30]. Dillingh et al. [14] suggested a single-step PWHT at 875 ◦C for a few hours to
reduce SRC susceptibility in 347H SS, while others recommended PWHT near the solution-
izing temperature (>1050 ◦C) for complete stress relief [27–30] and ductility retention in 2′′

thick welds [31]. In addition, a multi-step PWHT thermal cycle is reported being used in
industry with success of crack mitigation [11,12], which included an initial stress relief step
at 600 ◦C, solutionizing and full stress relief at 1050 ◦C, and then stabilization of precipitates
at 900–950 ◦C [11,29,32]. However, it should be noted that reheat cracking may occur
during PWHT, as reported in the FZ of a 347H SS fillet weld during PWHT at 900 ◦C [7],
and in HAZ at 700–900 ◦C within a couple hours at temperature [13,33]. Therefore, a
comprehensive understanding of stress and strain thresholds for SRC as a function of both
temperature and microstructure is critical for prediction of component life and control of
SRC susceptibility during PWHT and service conditions and for enhancement of standards
for fabrication and assembly procedures.

Time-to-failure SRC tests have been reported for 347H weldments [7,13,14,29] in a
variety of test methods, sample dimensions and chemical compositions. Among these
efforts, Gleeble® thermomechanical physical simulations have been demonstrated to be
an effective method for SRC susceptibility testing in 347H weldments to reveal the effects
of applied strain and temperature on time to failure [7,13,33]. For example, a simulated
HAZ with an applied 10% cold work failed within four hours at 700 and 800 ◦C testing
temperatures, and no failure occurred at 900 or 1000 ◦C with the same plastic strain or
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at all temperatures without cold work [13]. SRC susceptibility test methods in general
focused on characterizing the stress relaxation behavior during isothermal holding in welds,
i.e., after heating to the desired test temperatures [7,13,33,34]. Some recent methods have
considered stress relaxation during the heating stage, such as Fink et al. [35] and Sarich
et al. [36], which may assist in understanding further the relaxation behavior during the
PWHT or transient stage in service. While previous work contributed to a base knowledge
on SRC in 347H SS HAZ with differing results, a systematic study on the effects of stress,
strain and temperature on time-to-failure as a function of HAZ subzone microstructure
and a methodology to reveal the detailed stress component evolution during SRC would
contribute to a more comprehensive understanding of HAZ SRC sensitivity of 347H SS.
Such knowledge will be critical for development of solutions to mitigate the SRC concerns
in application of 347H SS. In this work, the threshold stress and strain for SRC in HAZ of
347H SS is thoroughly investigated as a function of the HAZ subzone microstructure and
reheat temperature (750–1050 ◦C) through Gleeble® thermomechanical testing. The thermal
cycles associated with HAZ subzone microstructures and representative stress/strain range
experienced by the HAZ microstructures are extracted from finite element (FE) models built
for the 347H welding procedure in our previous work [37]. In this study, FE analysis of the
Gleeble® experiment is performed to quantify the stress and individual strain components’
(e.g., elastic, plastic, creep, and thermal) evolution during the heating and temperature
holding stages for an in-depth analysis of SRC failure. The comprehensive database
established from this study can serve as critical inputs for SRC prediction and PWHT
optimization for 347H SS weldments.

2. Methods
2.1. Materials

A 15.9 mm thick 347H base plate solution annealed at 1080 ◦C after hot rolling followed
by water quenching is used for the initial condition of the SRC test samples. The bulk
chemical composition of the 347H SS plate is shown in Table 1. The American Society for
Testing and Materials (ASTM) A240/A240M-23 standard specification composition of Type
347H is also provided in the table as a comparison [38]. The test plate carbon content is
0.05 wt.%, and the Nb content is 0.58 wt.%, with acceptable amounts of P and S impurity
content (0.031 wt.%).

Table 1. Chemical composition of main alloying elements of 347H SS wrought plate used in exper-
iments compared to ASTM A240/A240M-23 specification (Adapted from Ref. [38]). Composition
analysis provided through manufacturer (DKC Steel-Pohang, South Korea) and supplier (Sandmeyer
Steel Company-Philadelphia, PA, USA) material test reports (MTR).

wt.% C N Ni Cr Mo Mn Nb Si Cu S P Fe

ASTM
A240 0.04–0.10 - 9.0–13.0 17.0–19.0 - 2.00 8 × (C + N) min. 1.00 0.75 - - -

Bal.

Exp. 0.05 0.031 9.11 17.14 0.32 1.01 0.58 0.51 0.21 0.002 0.029

2.2. SRC Thermomechanical Test Methodology

A Gleeble® 3500 thermomechanical physical simulator (manufactured by Dynamic
Systems Incorporated (DSI)—Poestenkill, NY, USA) is used for SRC tests. Cylindrical tensile
specimens with 6.35 mm round diameter and 31.75 mm gauge length are prepared with the
tensile direction perpendicular to the rolling direction (RD) of the base plate. Three main
variables in the SRC susceptibility tests for HAZ include (1) HAZ peak temperature, (2) pre-
stress/strain at room temperature that simulates weld-induced residual stress/strain, prior
to reheating, and (3) reheat temperature, simulating service and PWHT conditions. The test
matrix includes (1) HAZ peak temperatures of 1335 (HAZ 1), 1275 (HAZ 2), and 1150 ◦C
(HAZ 3), (2) pre-strain (stress) of 0.01 (250 MPa), 0.0175 (275 MPa), 0.025 (300 MPa), 0.04
(335 MPa), 0.05 (350 MPa), 0.08 (415 MPa), 0.1 (450 MPa) and 0.174 (600 MPa), and (3) reheat
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temperatures of 750, 800, 900, 950, 1000 and 1050 ◦C for isothermal holding until failure or
up to 24 h. To physically simulate reheat cracking in 347H HAZ subzones, multiple steps of
thermomechanical loading are designed, as illustrated in an example test in Figure 1. The
first step simulates a weld HAZ thermal cycle with one of three peak temperatures (1150,
1275, and 1335 ◦C) under a zero-load using a heating rate of 66 ◦C/s and cooling rate of
23 ◦C/s within the 800–1200 ◦C temperature range, based on a previous FE simulation [37]
using a weld arc energy per unit length of ~2.36–2.76 kJ/mm. Below 800 ◦C, the cooling
rate is controlled at 9 ◦C/s from 800 ◦C to 500 ◦C, 2.5 ◦C/s from 500 ◦C to 300 ◦C, and
then air cooled to room temperature below 300 ◦C. Prior to step one, the enclosed chamber
is purged with argon gas after a couple rough vacuum pumps to reduce oxygen content
below 30 ppm to prevent heavy surface oxidation, simulating the effect of shielding gas
during welding.
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Figure 1. Four-step SRC thermomechanical test methodology example displayed with temperature,
stress, and stroke as a function of time for HAZ simulation with 1335 ◦C HAZ peak temperature,
0.174 pre-strain, and 750 ◦C reheat temperature condition.

During step two, a tensile stress/strain is applied at a quasi-static strain rate of
0.001 s−1 at room temperature, which is at or below the peak residual stress/strain induced
by welding based on the FE predication validated by the neutron diffraction measure-
ment [37]. After applying the desired pre-strain and prior to step three, the mechanical
input is switched from “strain” to “stroke” (i.e., displacement) control and set to a “0”
stroke condition prior to step three. In step three, the sample is heated to a designated
temperature (between 750 and 1050 ◦C) with an additional stroke applied linearly with
time, 0.01 mm/◦C, to avoid stress reduction caused by thermal expansion. The stroke cali-
bration data is extracted from a zero-load heat treatment to 1050 ◦C using a 58 ◦C/minute
heating rate.

During step four, the temperature and displacement are a fixed constant to allow for
stress relaxation at a hold time up to 24 h. One exception is made for the SRC sample with
a 1335 ◦C HAZ thermal cycle tested at 800 ◦C and 0.1 pre-strain, which is tested beyond
24 h until fracture. If the load drops to near 0 (<0.5 kN), a “force level heat mute” command
will be triggered, and the sample will air cool to room temperature. This safety command
is used to prevent arcing and melting of the samples if the specimen fractures while at
elevated temperatures. SRC test results are categorized based on (1) no failure, (2) failure
during isothermal hold at temperature, and (3) failure during cooling.

Throughout each test, c-gauge is used to in situ monitor the radial displacement in the
center of the gauge section during thermomechanical testing. Linear strain (Equation (1))
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can be calculated using measured changes in diameter, assuming uniform plastic deforma-
tion and volume conservation [39]:

ε = 2ln
(

do

do + ∆d

)
(1)

where ε is strain, do is initial diameter and ∆d is transient change in diameter. The diametral
strain is used to measure pre-strains during step two and strain in step four. True stress
(Equation (2)) is calculated using transient change in diameter (∆d)

σ =
F

π
(∆d+do)

2

4

(2)

where F is force in kN, σ is stress in MPa, do is initial diameter in mm, and ∆d is transient
change in diameter in mm.

Additionally, constants in the creep strain rate (
.
ε) equation (Equation (3) [39]) are

determined via fitting experimental data from interested stress ranges in step four. Table 2
summarizes the fitted temperature-dependant K and n values.

.
ε = Kσn (3)

where n is creep parameter, σ is stress, and K is creep constant that includes Arrhenius
exponential dependency on temperature in the form of:

K = A∗exp
(
− Q

RT

)
(4)

where A* is creep constant, Q is activation energy (556,000 J/mol [40,41]), R is gas constant
(8.314 J/mol), and T is temperature in Kelvin.

Table 2. Creep parameters obtained from Gleeble® experiments: n-creep exponent; K-creep constant.
Assumption: no creep below 625 ◦C. The grey shaded data are interpolated with assumed no creep at
625 ◦C and below for the purpose of FE simulation.

Exp. Temperature
(◦C)

Temperature Range
(◦C) n K A*

N/A 20–625 0.00 0 0
650 625–675 5.45 2.18 × 10−22 6.64 × 109

700 675–725 5.45 9.06 × 10−21 6.66 × 109

750 725–775 5.45 2.61 × 10−19 6.66 × 109

800 775–825 5.41 3.02 × 10−18 3.66 × 109

850 825–875 4.83 3.12 × 10−16 2.35 × 1010

900 875–925 4.06 1.19 × 10−14 7.08 × 1010

950 925–975 1.57 2.14 × 10−9 1.24 × 1015

1000 975–1025 1.77 3.23 × 10−9 2.18 × 1014

1050 1025–1075 1.46 3.03 × 10−8 2.80 × 1014

2.3. Metallurgical Characterization Techniques

The metallographic samples are bisected parallel to the tensile direction of the SRC
samples. The cross sections are ground and polished using standard metallographic
techniques with a 1 µm diamond final polish surface. The etching procedure involved the
use of electrolytic etching technique using 2 V and 90 mA settings with 40–50% diluted
nitric acid solution. When samples are fully immersed in etching solution, 15–20 s etch time
reveals grain boundaries and other free surfaces, such as α’ or twins. Some samples are
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analyzed with or without etching using light optical microscopy (LOM) or scanning electron
microscopy (SEM) equipped with energy dispersive spectroscopy (EDS) for chemical
mapping. Secondary electron imaging (SEI) with an accelerating voltage of 20 kV is used.
Vicker’s microhardness testing is conducted using a minimum of 17 × 5 array in the center
of the gauge section in the 6.35 mm diameter radial cross section with a 1 kg load using a
minimum 4d spacing (d-diagonal of indent). A total of 85 microhardness points is measured
for each condition.

2.4. FE Modeling of SRC Thermomechanical Test

FE modeling of the Gleeble® SRC experiment, using Abaqus software (version R2019x),
is implemented to quantify the multi-components of strain (elastic, plastic, thermal and
creep) and stress as a function of pre-strain and temperature. The total specimen length
is 119.6 mm, the gage length is 31.75 mm, and diameter of the gauge section is 6.35 mm.
The element size has a minimum value of 0.59 mm and a maximum value of 1 mm. The
mesh sensitivity analysis was conducted by systematically varying the mesh density in this
model. Starting with a baseline mesh, the element was refined to check the convergence
and accuracy. By comparing the model and experimental temperature and stress data, the
results converged and matched well by employing the mesh size in the present work with
reasonable computational efficiency. In total, there are 15,360 elements with an 8-node
linear brick type. A fully coupled thermal-electrical-structural analysis is performed with
element type Q3D8. Concentrated current is loaded on grip area to heat the Gleeble®

sample. Displacement loading is applied on the right end to simulate the displacement
values used in experimental steps. Step one of heat cycle for HAZ microstructure gener-
ation is neglected in the FE model since it only changes the microstructure. The model
uses HAZ physical properties as inputs directly. The temperature dependent material
properties used for the Gleeble® FE model are reported in a collaborative paper [37], which
includes density [42], specific heat [43], thermal conductivity [43], Young’ Modulus and
Poisson’s ratio [43], thermal expansion coefficient [43], and electrical conductivity [44].
The temperature dependent flow true stress/strain data curves in the material database
are extracted from Gleeble® reheat crack tests using the specific stress and strain for each
temperature condition at 20 ◦C and 600–1050 ◦C. For 100–400 ◦C, the flow stress–strain
data are obtained from the literature [45]. The creep parameters used in the FE model are
obtained from thermomechanical tests, as listed in Table 2.

3. Results and Discussion
3.1. Effect of Weld-Induced Thermal Cycle(s) on HAZ Microstructure

Three unique thermal cycles with varying peak temperatures of 1335, 1275, and
1150 ◦C are physically simulated in the first SRC test step, as illustrated in Figure 2a, to
generate three subzone microstructures in HAZ, i.e., a partially melted zone (PMZ), coarse-
grained HAZ (CGHAZ) and fine-grained HAZ (FGHAZ), respectively. Note that after
completion of the HAZ thermal cycle, the 1335 ◦C peak temperature HAZ is thoroughly
evaluated for SRC at all test temperatures between 750 and 1050 ◦C. For other duplicated
HAZ microstructures (1150 and 1275 ◦C peak temperature), SRC test is performed at 850
and 900 ◦C temperatures, which encompasses the most active nucleation and growth rates
for niobium carbonitrides (Nb (C, N)) that promote and accelerate SRC.

Microstructures before and after physically simulated thermal cycles are shown in
Figure 2b–f. First, the microstructure of the as-received wrought condition is shown using
LOM (at a low magnification) and SEI-SEM (at a high magnification) in Figure 2b. The
as-received wrought hot-rolled annealed microstructure in mid-thickness of 15.9 mm thick
plate exhibits a bimodal grain size distribution with fine grains at an average size of 27 µm
(ranging from 21 to 38 µm) and coarse grains at an average of 63 µm (45–100 µm). It should
be noted that the finer grained regions contain spherical secondary precipitates with 1–5 µm
in diameter. Comparison of the EDS point scans of the secondary precipitates (marked
by the black dot in Figure 2b SEM image) and bulk γ-austenite (marked by the red dot in
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Figure 2b SEM image), indicates the presence of Nb/Mo-rich precipitates in the as-received
microstructure, as seen in Figure 2c.
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Figure 2. (a) HAZ duplicating thermal cycles showing heating rate (HR) of 66 ◦C/s and initial
cooling rate of 23 ◦C/s with a 1 s hold at peak temperatures corresponding to three subzones in HAZ
illustrated in the schematic drawing; (b) optical micrograph at a low magnification along with SEM
imaging of a local enlarged region of etched microstructure in as-received wrought condition; (c) EDS
point measurements of bulk austenite (γ) and secondary precipitates in (b); optical micrographs
of etched microstructure after (d) 1275 ◦C and (e) 1335 ◦C peak temperature thermal cycles; and
(f) higher magnification optical micrograph of 1335 ◦C peak temperature unetched microstructure.
The actual weld micrographs using SMAW are provided in (g–i) for comparison.

Grain growth occurs non-isothermally within the short time at elevated temperatures
during the weld HAZ thermal cycle. Figure 2d,e show LOM images after the 1275 ◦C
(HAZ 2) and 1335 ◦C (HAZ 1) thermal cycles, respectively. The 1275 ◦C peak temper-
ature thermal cycle has an average grain diameter of 94 µm (ranging 59–185 µm), and
1335 ◦C peak temperature thermal cycle has an average grain diameter of 121 µm (ranging
91–152 µm). A study on grain growth after hot forging shows that temperatures 1170 ◦C
and below introduced no significant grain growth due to the Nb (C, N) pinning effect, while
abnormal grain growth could be observed around 1200–1270 ◦C due to incomplete dissolu-
tion of Nb (C, N) at those temperatures [46]. Generally, coarser grain size microstructures
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have been claimed to increase SRC susceptibility [13,15], and thus the 1275 and 1335 ◦C
peak temperature HAZ microstructures are expected to be more susceptible to SRC in
347H SS than the 1150 ◦C microstructure.

Furthermore, the HAZ 1 microstructure appears to develop a network of eutectic
phases, as represented by the darker features in LOM in Figure 2f. The HAZ 1 microstruc-
ture is representative of PMZ between the CGHAZ and FZ boundary, similarly, seen in
experimental welds in Figure 2g–i, where constitutional liquation occurs and a eutectic
microstructure forms [3]. EDS analysis of the eutectic microstructure can be found in our
previous publication [47], which identified a mixture of austenite and Nb-rich phases, likely
Nb (C, N) or Laves phase (Fe2Nb). Similar eutectic microstructural features have been
reported in other studies [3,6,11] as well. Constitutional liquation in the HAZ can be em-
pirically evaluated as a function of 1/2Nb/(30C + 50N) in wt.%, known as the Cullen and
Freeman parameter [6]. A Cullen and Freeman parameter of 0.1, using this study’s chemi-
cal composition, predicts a liquation temperature to be approximately 1335–1340 ◦C [6].
Another experimental study using a similar experimental chemical composition, but with
more S content, exhibited a liquation temperature of 1290 ◦C [3]. In comparison, the
1275 ◦C HAZ (HAZ 2) microstructure does not exhibit extensive constitutional liquation, as
demonstrated by a representative micrograph in Figure 2d.

3.2. Effect of Temperature and Pre-Strain/Stress on SRC Behavior

Table 3 summarizes the Gleeble® SRC test results as a function of the HAZ peak
temperature in step one, including the initially applied strain/stress (i.e., pre-strain/stress)
in step two, starting stress at isothermal holding temperature (i.e., at the beginning of
step four after partial stress relief from step three), bulk strain (%) evolved at isothermal
temperature holding during step four, failure condition, and time-to-failure or time to
cool down if no failure occurs. The starting stress at the isothermal holding temperature,
bulk strain, failure condition and time-to-failure are output results as shaded in Table 3.
The failure behavior is categorized with the following three conditions: (1) failure during
isothermal holding, (2) failure during cooling due to thermal shrinkage while restrained and
(3) no failure during the SRC test. Overall, test results implicate stress and strain thresholds
for cracking that are dependent on both temperature and initial residual stress/pre-strain.

Figure 3 displays the stress versus time plots for tests at 800 ◦C to 1050 ◦C. A higher
initial pre-strain/stress generally leads to a higher starting stress upon reaching the test
temperature. Also, increasing the test temperature generally leads to a lower starting stress
when reaching isothermal test temperatures. At each temperature, increasing pre-strain
leads to a shorter time to fracture, evidenced by a sudden stress drop to 0 MPa during
isothermal stage, i.e., step four. No failure samples show a stress increase upon cooling
since the stroke is constrained during contraction as illustrated in the case of 0.04 pre-strain
at 900 ◦C, 0.05 pre-strain at 950 ◦C, 0.04 pre-strain and below for 1050 ◦C. Failure on cooling
curves firstly show a stress increase associated with cooling, followed by a sudden stress
drop when failure occurs.

Time-to-failure map, beginning with isothermal hold time at step 4, is summarized in
Figure 4. Increasing pre-strain generally results in faster times to failure for all temperatures
as represented by the blue arrow in Figure 4. The trend can be explained by a higher dislo-
cation density associated with a higher pre-strain, which facilitates faster reprecipitation
before stress can be sufficiently relieved, leading to a faster SRC failure. However, excep-
tions exist, primarily with 0.06 pre-strain at 900 and 950 ◦C test temperature for 1335 ◦C
HAZ, where 0.06 pre-strain failed at faster times than the 0.08 pre-strain. Inconsistencies in
extent of stress relief during reheating to temperature may be the main reason contributing
to this exception, where the 0.06 pre-strain samples are observed to exhibit higher stresses
upon reaching isothermal test temperature. The starting stress upon reaching isothermal
temperature in step four correlates with higher bulk strain at temperature, as shown in
Table 3, which may explain the reason for faster time to fracture with 0.06 pre-strain samples
compared to 0.08 pre-strain samples.
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With respect to the various physically simulated HAZ peak temperatures using the
0.1 initial pre-strain condition, the 1275 ◦C HAZ specimens (HAZ 2) failed slightly sooner
than the 1335 ◦C HAZ specimens (HAZ 1) at 900 and 850 ◦C SRC reheat temperatures, while
1150 ◦C HAZ specimens (HAZ 3) failed at slightly later times on average at 900 ◦C. Hence,
HAZ 2 may be slightly more susceptible than HAZ 1 and finer-grain HAZ 3. The map
shows that the time-to-failure, i.e., SRC susceptibility, is more strongly dependent on the
pre-strain/stress and starting stress at reheat temperature. Note that the pre-stress/strain
conditions are designed to simulate the weld-induced residual stress/strain conditions
determined from the author’s previous work [37]. Additionally, recent experimental
residual stress measurements on 347H SS welds show similar peak residual stress values as
pre-stress conditions (~600 MPa) in as welded and after thermally aging at 650 ◦C for 360 h
(~300 MPa) [48,49], indicating relevance for the chosen experimental pre-stress values in
Gleeble® experiments. The observed high SRC susceptibility and fast failure time (e.g.,
less than 1h) at high reheat temperatures suggests careful PWHT parameter design, e.g., a
slow heating rate or potentially the use of a multi-step PWHT process [29], to prevent SRC
during PWHT in the 347H SS HAZ.

Table 3. Summary of 347H SS HAZ Gleeble® experiments inputs (non-shaded) and outputs (shaded),
including initially applied strain/stress at RT (i.e., pre-strain/stress), starting stress at isothermal
holding temperature, bulk strain evolution at temperature, failure condition and time to failure or
time to cool down if no failure. I = failed during isothermal; C = failed during cooling. * A high creep
strain led to a rapid failure.

Temperature
(◦C) HAZ

HAZ Peak
Tempera-
ture (◦C)

Pre-Strain Pre-Stress
(MPa)

Starting
Stress at
Tempera-

ture (MPa)

Bulk Strain
(%) at Tem-

perature
Failure

Time to
Fail-

ure/Cool

750 HAZ 1 1335 0.174 588 260 0.71 I 22.2 h

800 1335
0.1 452 184 0.25 No 39 h

HAZ 1 0.13 508 184 0.38 C 24 h
0.174 599 213 0.36 I 2.9 h

850

HAZ 1 1335 0.08 419 144 0.11 C 24 h
HAZ 2 1275 0.1 455 152 0.80 I 48.5 min

HAZ 1 1335
0.1 476 158 0.41 I 1.1 h

0.174 582 174 0.38 I 20.3 min

900

1335
0.04 332 89 0.36 No 24 h

HAZ 1 0.06 368 111 1.46 * I 1.03 h
0.08 421 107 0.42 I 4.9 h

HAZ 3 1150
0.1 469 112 0.44 I 1 h
0.1 443 111 2.75 * I 24.1 min

HAZ 2 1275 0.1 457 117 0.39 I 13.5 min

HAZ 1 1335

0.1 456 119 0.56 I 31 min
0.1 447 113 0.33 I 18.3 min
0.1 446 114 0.30 I 23.3 min

0.174 598 128 0.25 I 5.8 min

950 HAZ 1 1335

0.05 360 69 0.45 No 10.9 h
0.06 372 80 0.76 I 1.2 h
0.08 417 77 0.36 C 6.4 h
0.1 461 97 0.19 I 7.1 min

1000 HAZ 1 1335
0.04 330 56 1.85 C 4.7 h
0.05 357 62 1.45 I 1.2 h

1050 HAZ 1 1335

0.01 261 55 1.52 No 3.8 h
0.025 300 35 1.08 No 3.6 h
0.04 335 43 1.22 No 1.94 h
0.05 349 70 2.80 I 2.4 min
0.1 461 60 0.20 I 3 s
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Figure 3. Stress profiles as a function of testing temperature at (a) 800 ◦C, (b) 850 ◦C, (c) 900 ◦C,
(d) 950 ◦C, (e) 1000 ◦C, and (f) 1050 ◦C and time for steps 2–4 with different starting strains. Solid and
open circles and asterisks represent failure occurring at temp, failure during cooling and no failure,
respectively, regardless of pre-strain condition. The pre-strain conditions are separated by color. Note:
750 ◦C test is included as an example in Figure 1.
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Figure 4. Time-to-failure (isothermal hold beginning in step 4) SRC map in 347H HAZ with three
variables including HAZ simulation temperature, pre-strain and reheat test temperature. The closed,
asterisk, and open symbols represent failure at temperature, failure upon imposed cooling strains,
and no failure, respectively.

3.3. FE Analysis of Individual Strain Components in SRC Tests

As mentioned above, finite element analysis of the Gleeble® SRC tests is performed to
determine the detailed stress and strain evolution history and thus assists in analyzing the
SRC susceptibility map in more depth. Figure 5a illustrates the FE simulation results of the
initially applied stress profile at room temperature (step two) and stress and temperature
profiles upon reaching the holding temperature (start of step four) within half of the
gauge section length of the Gleeble® specimen during a SRC experiment at 900 ◦C with an
initially applied 0.08 plastic pre-strain. As shown in Figure 5b, the temperature profiles
calculated from the FE model and experimental measurement by thermocouples show a
good agreement. The stress evolution within the center of the gauge section predicted by
the model also shows reasonable agreement with the experimental measurement. Other
simulations with 0.05–0.1 initial pre-strain and 950–1050 ◦C reheat temperature show
similar stress relaxation validation with the experimental data, which are important for
verifying the material database of 347H SS used in other models [37]. One assumption
made in this model is that the whole gauge section has the same mechanical and material
properties rather than in the experiment, where the properties may change along the gauge
section depending on step one HAZ thermal cycle temperature gradient introduced by
resistance heating in Gleeble® setup. However, experimental samples all fail on or within a
few mm of the gauge section center since strain and stress is preferentially accumulated
into the hottest region of the Gleeble® specimen, which minimizes the impact of this
assumption.
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relief. No additional thermal and plastic strains develop in step four. The FE calculation 
reveals a continuous increase in creep strain accompanied by a decrease in elastic strain 
at step four during stress relaxation. The creep strain calculated from the FE model during 
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Figure 5. FEM simulation of Gleeble® SRC test at 900 ◦C reheat temperature with 0.08 initial pre-
strain: (a) stress profile of half gauge section for step two at RT (P1) and stress (P2) and temperature
(P3) profiles at the beginning of step four, (b) temperature and stress profiles calculated from middle
gauge section in comparison to experimental measurements; and (c) FEM predicted plastic strain
(εpl), thermal strain (εth), creep strain (εcr), and elastic strain (εel) profiles during steps 2–4. Note:
P1–3 represents evaluation points 1–3 in (b).

Figure 5c illustrates individual extraction of plastic strain (εpl), thermal strain (εth),
creep strain (εcr), and elastic strain (εel) out of the total strain (εtot) for steps 2–4. The thermal
strain εth developing from heating stage in step three during heating from RT to 900 ◦C
comes from thermal expansion. Correspondingly, the experimental methodology includes
an applied linear displacement in displacement control mode in step three to offset the
thermal strain impact on stress relief. In other words, an additional mechanical plastic
strain of 0.02 is intentionally introduced during step three, as evidenced by the increase
in εpl from 0.08 to 0.10 in Figure 5c, to offset the impact of 0.018 thermal strain on stress
relief. No additional thermal and plastic strains develop in step four. The FE calculation
reveals a continuous increase in creep strain accompanied by a decrease in elastic strain at
step four during stress relaxation. The creep strain calculated from the FE model during
the isothermal hold is 0.19%, while the plastic strain increases by 0.014% and elastic strain
decreases by 0.056%. Therefore, creep strain contributes the most to the observed strain
change during the holding stage at step four. Note that the experimental bulk strain at
step four is calculated to be 0.24% by the C-gauge dilatometry method at the center of
the specimens. The individual strain components calculated from the FE SRC test models
provide additional analytical components, including individual strain components not
measurable from the experiment, that contribute to a more thorough and accurate SRC
susceptibility analysis.

3.4. Analysis of SRC Susceptibility Maps

Figure 6a illustrates the SRC failure conditions (i.e., susceptibility map) as a function
of FEM calibrated pre-strain prior to step four (referred as plastic strain hereafter) and
temperature. The calibration considers the additional plastic strain that occurred in step
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three for each test temperature, as illustrated in Figure 5c, into the plastic strains in Figure 6a.
Linear fits are applied to separate samples that failed at the temperature from the samples
that did not fail, and the region below is designated as low susceptibility. The fitted trends
indicate that the critical plastic strain to failure decreases from 0.15 at 800 ◦C to 0.06 at
900 ◦C, and temperatures between 900 and 1050 ◦C maintained a consistent critical plastic
strain value of ~0.06. Note that the critical plastic strain as a function of temperature
accounts for both pre-applied strain at RT and plastic strain applied during heating and
prior to reaching the test temperature. Overall, a drastic decrease in critical plastic strain
occurs from 800 ◦C to 900 ◦C test temperature, and beyond 900 ◦C the critical plastic strain
to fracture remains relatively unchanged.
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The Larson–Miller parameter (LMP) is often used to depict the rupture life of a
specimen at a given stress level that varies with test temperature [50]. In this analysis, the
SRC susceptibility map of LMP vs. plastic strain is plotted in Figure 6b. The LMP can be
written in Equation (5) as:

LMP =
(T(K) ∗ (C + log(t( h))))

1000
(5)
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where T is temperature in Kelvin, C is LMP constant (assuming C = 20 [51]), and t is
time in hours (h). Overall, the plastic strain to failure decreases with an increasing LMP,
where samples with plastic strains below 0.06 did not fracture. The amount of strain
development influences the strain aging behavior of the microstructure, such that increasing
plastic strain increases the nucleation rate of niobium carbonitrides and facilitate increased
intragranular strengthening [52], allowing intergranular precipitate-free zones to be a
location for localized deformation along with coarse incoherent grain boundary precipitates
potentially contributing to void formation [9].

Figure 6c shows the SRC map of pre-applied stress in step one (i.e., pre-stress) and
starting stress upon reaching the test temperature in step four (i.e., starting stress @T)
as a function of the test temperature. The threshold prestress and starting stress at the
temperature can be represented by non-linear fits of the samples that did not fail at the
temperature, which outlines the lower susceptibility regions. The pre-stress thresholds
decrease from about 500 to 330 MPa as the testing temperature increases from 800 to
1050 ◦C. The critical starting stress at temperature changes from ~180 MPa at 800 ◦C to
~75 MPa at 950 ◦C and ~50 MPa at 1050 ◦C. With increasing temperature, there is a lower
tolerance for threshold stress to failure. Figure 6a,c together serves as the SRC susceptibility
maps that determine the plastic strain and stress thresholds as a function of temperature
below which low susceptibility to cracking is expected. Additionally, the prestress and
starting stress at T as a function of LMP is plotted in Figure 6d. The fitting lines (blue and
red dotted lines in Figure 6d) for failed specimens show a general increase in LMP with
decreasing stress, except one sample tested at 1050 ◦C. The 1050 ◦C test with 0.1 pre-applied
strain (0.12 calibrated pre-strain) exhibits very short time to failure (t = 3 s) and the time
to failure lies outside the general trend. Note that the 1050 ◦C test with 0.05 pre-applied
strain also failed shortly at 2.4 min, although the result align well with the general trend.
Such observations suggest that reheating 347H SS HAZ to 1050 ◦C (e.g., during PWHT or
multipass welding) could lead to rapid fracture under a tensile residual stress as low as
50 MPa, and therefore prolonged exposure to this temperature range should be carefully
avoided during design of PWHT procedure for 347H HAZ microstructure.

Figure 7a illustrates the sensitivity of creep strain to fracture as a function of the cali-
brated pre-applied plastic strain (prior to step four). In this study, the strain measurement
from c-gauge during step four of the SRC test is referred to as bulk creep strain. Note that
FE analysis confirms creep is the main strain component during step four. The experimental
creep strain in Figure 7 is determined based on diametral strains, which includes mostly
an increase in creep strain, minor plastic strain increase, and slight decrease in elastic
strain as seen in Figure 5c. This SRC susceptibility map aims to serve as a guideline for in
situ monitoring of total strain evolution using strain gauges during service to determine
whether a threshold bulk strain level has been reached. A Boltzmann power law fit is
applied to the fractured samples, which reveals a sharp decrease and flatline in creep
strain to fracture as plastic strain increases above 0.1. It indicates creep strain tolerance to
cracking is very low once the plastic strains exceed 0.1. Figure 7b shows the relationship
between average bulk creep strain rates (%/h) and test temperature. The average creep
rate monotonically increases with increasing test temperature and with increasing starting
stresses at temperature.

Activation of different creep mechanisms could explain the trend observed in Figure 7.
Strain recovery (improvement in ductility) is delayed due to competing mechanisms of dis-
location recovery and strain aging when testing at prime Nb (C, N) aging temperatures, as
evidenced by the low creep rates observed at 800–900 ◦C conditions. Re-precipitation upon
heating to temperature limits dislocation creep, allowing for Coble creep (grain boundary
diffusion) and grain boundary sliding to dominate. Higher creep rates at temperatures
above 900 ◦C are likely evidence of thermal activation of dislocation or Nabarro–Herring
(lattice diffusion-based) creep where creep parameter, n, approaches 1, while Coble creep
is predicted to occur mostly during lower temperature tests (750–900 ◦C) based on creep
deformation maps of 316 SS [53]. For example, 1050 ◦C tests with a homologous tempera-
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ture of ~0.8 (T/Tm-melting temperature) and the highest creep strain rates likely consist of
Nabarro–Herring creep with experimental n of 1.46.

SRC tests indicating no failure still experience formation of micro-sized cracks or voids
along grain boundaries normal to loading directions, as demonstrated by metallurgical
characterization of 800, 950, and 1050 ◦C test specimens in Figure 8. Linked micro voids are
observed in Figure 8a, which develop into microcracks over time at the test temperature.
Intergranular cavities have been observed elsewhere at lower temperatures ranging from
550 to 750 ◦C [54,55]. Microcracks are present in the center of the radial cross section of
800 and 950 ◦C test specimens in Figure 8a,b, and intergranular surface cracks are seen in
1050 ◦C test specimens in Figure 8c. While creep mechanisms depend on homologous tem-
perature and stress ranges, intergranular cracking appears to be temperature independent
with the elevated temperature stress range applied in this study.
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3.5. Susceptible Microstructural Features

Fractography is conducted to verify cracking mechanisms associated with SRC. The
fracture surfaces of failed specimens examined on the macro level exhibit many similarities
as shown in Figure 9b,c, such as brittle intergranular fracture, with micro-voids observed
at high magnification on the grain boundaries, as seen in our previous publication [47]. A
cross sectional view along the tensile axis of the sample shows secondary cracks preceding
the primary fracture surface in Figure 9e–h. Figure 9f,g reveals wedge or w-type cracks
in the 0.194 pre-strain specimen. Wedge cracks are indicative of grain boundary sliding, a
common creep mechanism leading to intergranular failure [39]. Cracks initiate primarily
normal to the applied stress direction, while a combination of local shear and normal
stresses contributes to wedge cracks, depending on grain boundary orientation with respect
to applied tensile stress.
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Figure 9. Fractography analysis on failed specimens: (a) schematic of gauge section illustrating
characterization planes, (b–d) fracture surfaces in center of specimens tested at 750, 800, and 850 ◦C
with 0.194 plastic strain, and (e–h) SEI-SEM images (etched) of cross sections parallel to the tensile
axis showing a mix of secondary cracks and wedge type cracking along grain boundaries ahead of
primary fracture surfaces.

Further metallurgical analysis is performed to characterize grain boundary phases and
elemental segregation post-mortem. Secondary cracks behind the primary fracture surfaces
show presence of grain boundary precipitates and secondary phases, as demonstrated
in 900 ◦C and 800 ◦C specimens with the highest strain conditions in Figures 10 and 11,
respectively. Figure 10 shows EDS maps with Cr, Fe, Nb and Mo enrichment along grain
boundaries. The EDS line in Figure 11 verifies an increase in Nb and Mo and depres-
sion in Fe, Cr, and Ni within the grain boundary precipitates that are likely Nb and Mo
carbonitrides. Cr and Fe partitioning in Figure 10 implicates possible δ-ferrite or sigma
phase formation in addition to Nb and Mo carbonitrides. Most grain boundary Nb and
Mo precipitates exist in fine-grained regions of each sample. Based on thermodynamic
predictions, Nb (ferrite stabilizer) can segregate from δ-ferrite, which facilitates nucleation
of Nb, Mo carbonitrides likely during cooling from the 1335 ◦C weld HAZ thermal cycle. δ-
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ferrite stringers (rich in Nb and Mo) exist in wrought microstructure prior to HAZ thermal
cycle. Grain boundaries with coarse, incoherent Nb, Mo (C, N) precipitates may have high
interfacial surface energy and contribute to grain boundary decohesion while under stress
and could have the appearance of creep voids [11]. The presence of microcracks seen on
high magnification fracture surfaces and cross sections likely develop from dis-bonding
between the incoherent interface between Nb, Mo rich carbonitrides and γ-austenite when
under stress in combination with a precipitation-hardened grain interior.
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The microhardness of HAZ microstructures is performed to identify the correlation
between hardness and SRC susceptibility, including the impact of cold work strains and
strain aging via elevated temperature service environment (e.g., 600 ◦C). Figure 12 sum-
marizes the microhardness average for five conditions: 347H SS base metal, after 1275 ◦C
HAZ thermal cycle, after 1335 ◦C HAZ thermal cycle, after 1335 ◦C HAZ thermal cycle and
600 ◦C age for 9 h with no plastic strain, and after 1335 ◦C HAZ thermal cycle with 0.174
strain and 600 ◦C age for 8 h. The base metal exhibits an average microhardness of 151 HV.
The 1275 ◦C coarse-grained HAZ (HAZ 2) microstructure exhibited a lower hardness of
141 HV, which may be due to grain coarsening and precipitate coarsening of precipitates
that have not dissolved. Microhardness increases slightly with an average of 168 HV after
the 1335 ◦C thermal cycle (HAZ 1), which could be partially due to Nb-rich eutectic phases
or Laves phase as shown in Figure 2 and similar work elsewhere [47]. Additionally, HAZ
1 generated from a higher peak temperature may dissolve more niobium carbonitride
precipitates and allow for re-precipitation of fine NbC particles during cooling.
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and after exposure to 600 ◦C for 8 h with evidence of TRIP α’ martensite in an optical micrograph
pointed out with blue arrows (etched).

An increase in average microhardness from 166 to 255 HV is observed when a plastic
strain is first applied at room temperature and after aging at 600 ◦C for eight hours, as seen
in the 0.174 strain condition. This behavior may be attributed to increased dislocation den-
sity and strain aging and partially the formation of α’ martensite as evidenced by the slip
habit planes in optical micrograph in Figure 12. Cold work introduces increased dislocation
density, which may promote precipitation of higher volume fractions of fine intragranular
Nb (C, N) particles at elevated service temperatures via strain aging. For instance, a study
on precipitate strengthening models of NbC and microhardness shows that 5–10% cold
working strain followed by aging at 600 ◦C for various times increases the microhard-
ness above 250 HV [52]. On the other hand, the mechanism describing γ-austenite to α’
martensite transformation at high plastic strains in austenitic stainless steels is known as
transformation-induced plasticity (TRIP) [56]. For example, α’ martensite is reported in
the HAZ failure region of a two-pass 347H SS pipe weld due to severe deformation after
150 days of service at 595 ◦C [57]. Reversion of body-centered-tetragonal (BCT) α’ marten-
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site (or body-center-cubic (BCC) δ-ferrite) to face-center-cubic (FCC) γ-austenite upon
reheating may induce localized volumetric shrinkage and increase tensile stress that can
enhance SRC susceptibility [56,58]. Generally, a correlation between intergranular SRC and
microstructures with a microhardness of 250 HV has been observed in the literature [13,14].

Precipitate-free zones (PFZs), a leading hypothesis associated with stress relaxation
cracking, consists of strain localization along grain boundaries [9,59]. Intragranular dis-
location pileups allow for dense nucleation of fine, intragranular Nb (C, N) inside of the
grains and therefore strengthen the grain interior [9,59]. Siefert et al. [26] observed the
presence of intergranular PFZ with a width less than 500 nm, fine intragranular Nb (C,
N) present within grain interior, and coarse Nb (C, N) and Cr-rich precipitates along the
grain boundary using scanning transmission electron microscopy EDS (STEM-EDS). Deco-
hesion between intergranular precipitates and γ grains along PFZs is arguably the main
contributing mechanism of intergranular SRC.

4. Conclusions

• Stress relaxation cracking tests, performed using a Gleeble 3500® thermomechanical
physical simulator, indicates an increased faster time to fracture with increasing initial
stress and plastic strain in a reheat test temperature range of 750–1050 ◦C.

• Three HAZ subzones are compared for SRC behavior at 900–950 ◦C with 0.1 initial
strain conditions. There does not appear to be a drastic statistical difference between
HAZ 1 (PMZ) and 2 (CGHAZ), while HAZ 3 (FGHAZ) appears to be slightly less
susceptible to cracking.

• A FE analysis is conducted to replicate the last three steps of the SRC test methodology
and delineate various strain components. Additionally, FE analysis assists to calibrate
the plastic strain values used in the SRC susceptibility maps. It is found out that an
additional 0.02 plastic strain is introduced during step 3 while heating to the isothermal
test temperature as a result of the additional stroke applied to compensate for thermal
expansion.

• The thresholds of pre-applied stress and plastic strain, and creep strain and rate
at testing temperature for SRC are identified. The pre-stress thresholds decrease
from about 500 to 330 MPa as the testing temperature increases from 800 to 1050 ◦C,
while the corresponding initial plastic strain thresholds reduces from 0.15 to 0.06.
Additionally, stress and strain as a function of LMP is shown to correlate fracture time,
temperature, and stress/strain relationships. 1050 ◦C seems to be a concerning PWHT
temperature for high stress/strain conditions in the HAZ. These results may serve
as guidelines for mitigation of SRC in the 347H HAZ microstructure in service and
design of PWHT parameters to avoid SRC occurring during stress relief.

• Hardness measurement and fractography analysis indicates that the strain aging of
niobium carbonitrides and other potential phases in conjunction with intergranular
precipitates contributes to an increase in microhardness and increased intergranular
cracking susceptibility. A more extensive metallurgical characterization (such as TEM
dark field imaging) of the secondary cracks behind the primary fracture surfaces
would be needed in future to establish a more thorough understanding of the sus-
ceptible microstructure features and verification of the SRC mechanisms, namely the
characteristics of the finer features of the PFZ.
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